The core structures of screw and edge dislocations on the basal and prism planes in Mg, and the associated gamma surfaces, were studied using an ab initio method and the embedded-atom-method interatomic potentials developed by Sun et al and Liu et al. The ab initio calculations predict that the basal plane dislocations dissociate into partials split by 16.7 Å (edge) and 6.3 Å (screw), as compared with 14.3 Å and 12.7 Å (Sun and Liu edge), and 6.3 Å and 1.4 Å (Sun and Liu screw), with the Liu screw dislocation being metastable. In the prism plane, the screw and edge cores are compact and the edge core structures are all similar, while ab initio does not predict a stable prismatic screw in stress-free conditions. These results are qualitatively understood through an examination of the gamma surfaces for interplanar sliding on the basal and prism planes. The Peierls stresses at T = 0 K for basal slip are a few megapascals for the Sun potential, in agreement with experiments, but are ten times larger for the Liu potential. The Peierls stresses for prism slip are 10-40 MPa for both potentials. Overall, the dislocation core structures from ab initio are well represented by the Sun potential in all cases while the Liu potential shows some notable differences. These results suggest that the Sun potential is preferable for studying other dislocations in Mg, particularly the c + a dislocations, for which the core structures are much larger and not accessible by ab initio methods.
Introduction
Magnesium alloys are being actively developed for structural applications due to their light weight [1] . However, the formability of Mg is poor due to its hexagonal close packed [38] Experiment 60
(HCP) structure: deformation occurs easily along the a axis via glide of a dislocations on the (1 0 0 0) basal and the stronger prism (1-100) planes but deformation is difficult along the c axis because the motion of both c + a dislocations and twinning dislocations in pyramidal planes requires high stress levels. Plastic deformation along the pyramidal plane directions is not well understood and constitutes a significant challenge for materials scientists. Because many aspects of plastic flow are associated with dislocation core structures, atomistic simulations are a natural starting point for investigating the problem.
There is a long history of atomistic work on dislocations in various HCP materials, but much of it does not pertain specifically to Mg. To date, only two interatomic potentials designed for Mg have been used to study Mg dislocations. The 'na56' pair-wise potential [2] was used to study a dislocations in the basal and prism planes and c + a dislocations [3] [4] [5] and twinning dislocations [6] in the pyramidal planes. The Finnis-Sinclair embedded-atom-method (EAM) potential [7] was fit to Mg experimental data (c/a ratio, the five elastic constants, the vacancy formation energy, the cohesion energies and the energy of the I2 stacking fault that results from slip of 1/3 1 −1 0 0 ), and was used to study screw a dislocations in the basal and prism planes [8] and twinning dislocations [6] . These potentials have I2 stacking fault energy (SFE) values of ∼10 mJ m −2 , which is much lower than the value of ∼30 mJ m −2 obtained from ab initio calculations (see table 1 ). In addition, the Peierls stresses for dislocation motion in the basal plane is ∼18 MPa for the na56, which is ∼30 times larger than the experimental values. EAM potentials with larger I2 SFEs were developed for Mg by Liu et al [9] and Sun et al [10] . These two EAM potentials were fit to more physical properties than the previous potentials, but also to sets of forces from ab initio calculations using the force matching method [11] . The Sun potential was also improved by fitting additional parameters: the melting temperature T m , the relative energies of FCC, BCC and HCP lattices between 0 K and T m and the fluctuation amplitudes for five solid/liquid interface orientations. However, the dislocation core structures for these potentials have not been reported.
Bulk magnesium has been studied by first-principles methods, and table 1 summarizes the literature on the predicted SFEs. First-principles studies of dislocation core structures in metals are less common, but are now emerging more frequently due to the use of flexible boundary condition methods. The lattice Green function (LGF) update method produces 'flexible' boundary conditions-where the atomistic geometry of a defect is directly coupled to the long-range strain field response of the surrounding material [12] [13] [14] . The flexible coupling allows calculations of defect geometries and properties using a much smaller number of atoms than the traditional 'supercell' approach (where the simulation cell is periodically repeated in all three dimensions). New techniques have made calculation and error estimation of the LGF efficient for density-functional theory [15, 16] , and have successfully computed dislocation core structures in metals such as Al [17] .
In this paper, we investigate dislocation structures in the basal and prism planes of Mg using the ab initio/LGF method and the Liu et al and Sun et al EAM potentials. We make quantitative comparisons among all the three systems for selected gamma surfaces, dislocation cores and Peierls stresses. The first-principles quantum results represent a baseline structure for future study of alloying effects, cross-slip and other phenomena. The EAM results demonstrate that the potential of Sun et al is generally superior to that of Liu et al in that it predicts structures and stresses in better agreement with first principles and experimental results. The results here justify the use of the Sun et al potential for the subsequent study of the important c + a and twinning dislocations, which will be reported on separately. The cores of the c + a dislocations are quite complex, spatially extended and subject to reconfiguration under the action of applied loads, such that first-principles methods for the c + a dislocations are not computationally feasible and semi-empirical approaches are necessary for gaining insight into non-basal plasticity in Mg.
This paper is organized as follows. In section 2, we describe the simulation geometries and methods. In sections 3 and 4, we present results for the screw and edge dislocations in the basal and prism planes, respectively. We discuss our results further and conclude in section 5.
Simulation geometries and methods
The simulation cells for all our studies use a Z coordinate normal to the glide plane and a Y coordinate parallel to the Burgers vector. We considered two different HCP crystal orientations. Gamma surfaces are computed as follows. The surfaces along the Z direction are free and periodic boundary conditions are applied along X and Y . The upper half of the crystal (Z > 0) is shifted by a translation vector t = dX + dY in the X-Y plane. All atoms are held fixed in the X and Y directions but are allowed to relax along the Z direction. The gamma surface then corresponds to the relaxed energy versus translation t. For EAM calculations, perfect crystals of dimensions (1 × 1 × 19) and (1 × 1 × 18) unit cells are created for the basal and prism cases. The 'quench method' was used to find the minimum energy [18] , with convergence corresponding to individual forces below 10 −8 eV A −1 on all interior atoms and below 10 −6 eV A −1 on all atoms within the EAM potential cut-off radius from the free surfaces. The ab initio calculations are performed with VASP [19, 20] , a planewave-based density-functional theory code using Vanderbilt-type ultrasoft-pseudopotentials [21, 22] and the generalized-gradient approximation of Perdew and Wang for the exchange-correlation potential [23] . The 3s states of Mg are treated as valence electrons, while the other electron states are frozen in their core configurations; a planewave energy cut-off of 138 eV is used throughout the calculations. The choice of exchange-correlation potential, pseudopotential and planewave cut-off are made by comparing lattice and elastic constants and phonons spectra with experimental values; our selection produces errors of 0.7% for lattice constants, 5% for bulk modulus and 3% for phonon frequencies. Gamma-surface calculations are performed using 1 × 1 × 9 (18 layers) and 1 × 1 × 5 (10 layers) periodic supercells for the basal and prism cases and relaxed perpendicular to the gamma-surface plane, and using 34 × 34 (basal) and 34 × 18 (prism) k-point meshes in the plane with a Methfessel-Paxton smearing of 0.2 eV. All forces are relaxed to within 5 meV Å −1 , corresponding to an energy error of less than 1%. Computing isolated (stress-free) dislocation cores in ab initio requires careful construction of the simulation cell and associated LGF. Periodic boundary conditions are used along the dislocation line as for the EAM calculations; 16 (basal screw and prismatic edge) or 12 (basal edge) k-points along the dislocation line with a smearing of 0.5 eV provide for an accurate representation of the electronic density of states. The slip and long-range strain fields introduced by a dislocation are incompatible with periodic boundary conditions perpendicular to the dislocation line; flexible boundary conditions remedy this by using free surfaces away from the dislocation core, and using the bulk LGF to relax atoms as if they were embedded in bulk. For all dislocations, the atoms immediately around the core (region I) are relaxed using ab initio forces with a conjugate-gradient, the ab initio forces on the next outer region (region II) are relaxed using the LGF and the outermost atoms (region III) are updated from the LGF, giving flexible boundary conditions that eliminate the influence of free surfaces [14] . The basal screw dislocation relaxation requires 525 atoms (I: 54, II: 164, III: 307), the basal edge requires 806 atoms (I: 130, II: 247, III: 429) and the prismatic edge requires 465 atoms (I: 57, II: 118, III: 290); the sizes are commensurate with the amount of core spreading anticipated. The forces on atoms in regions I and II are relaxed iteratively until they are below 5 meV Å −1 , corresponding to errors in atomic positions of less than 5 mÅ. The LGF is derived from the force-constant matrix calculated with the direct-force method in a 6 × 6 × 4 HCP supercell; as stated above, the harmonic response agrees with experimental phonon measurements to 3%.
In the atomistic simulations, dislocations are created in the centre of a perfect crystal having dimensions of one unit cell length along the line direction and ∼100 nm in the dislocation glide and Z directions. For the edge dislocation, one half-plane of atoms is removed and the remaining atoms are displaced according to the Volterra solution. For screw dislocations, the atoms are displaced according to the Volterra solution corresponding to two 1/2 a Burgers screw dislocations separated by a small distance (1.5a) along the glide plane. Boundary conditions for the EAM calculations are periodic in the dislocation line direction, the surface normal to the glide direction is free and the surface normal to the Z direction has mixed boundary conditions. Specifically, atoms located within the EAM potential cut-off radius of the Z surfaces are fixed in the Z direction, but have applied forces in X and Y to create shear stresses σ Y Z and/or σ XZ when desired. Increments of applied stress are always smaller than 10% of the Peierls stress.
Results for basal plane slip
The gamma surfaces along the [1 −1 0 0] direction between 0 and the I2 stable SF are shown in figure 1 for the ab initio calculations and Sun and Liu EAM potentials and the corresponding stable and unstable SFE energies are given in table 2. The stable SFE energies are all in the range of previous ab initio values and much larger than those from earlier potentials, with the Sun potential in better agreement with this ab initio result. The unstable SFE from ab initio is >92 mJ m The edge and screw dislocation core structures are shown using both a differential displacement (DD) plot and contours of the Nye tensor in figures 2 and 3, respectively, for the ab initio and Sun potential calculations. The arrows in figures 2 and 3 show the displacement between neighbouring atoms measured relative to the perfect crystal and with the magnitude of the arrow indicating the amount of either edge-like or screw-like displacement for the fully relaxed dislocation geometry [24] . The full colour contours in figures 2 and 3 show the linear-interpolated Nye tensor density, following the formulation of Hartley and Mishin [25] , corresponding to the total [1 1 −2 0] and [1 −1 0 0] components in each case. Both edge and screw dislocations dissociate for the ab initio and Sun potential calculations, while only the edge dissociates for the Liu potential. The edge dissociation distances obtained from the 1 1 −2 0 component Nye tensor maps are 5.2a, 4.5a and 4.0a (where a ∼ 3.2 Å is the lattice parameter) for the ab initio calculations, Sun, and Liu potentials, respectively, as shown in table 3. The relative values of the splitting distances are in agreement with the relative values of the stable SFE. For the screw dislocation, the ab initio and Sun potential predict the same splitting distance of 2.0a while the Liu potential predicts a compact core with a width of ∼0.4a. Although both interatomic potentials have larger SFEs and smaller splitting distances than the previous Mg potentials [2, 7] (∼10 mJ m −2 SFE and 10a edge dislocation splitting distances), the Sun potential predicts both core structures in good agreement with ab initio while the Liu potential does not.
We have calculated the apparent T = 0 K Peierls stresses for the Sun and Liu dislocations, as shown in table 3, by direct measurement of the value of the appropriate shear stress needed to move the dislocation from its initial position. Calculation of the true Peierls stress can be subtle, particularly when those stresses are small and when the simulation cells are small and fully periodic [26] . For a single dislocation in the centre of a simulation box of in-plane dimensions d ×d with free surfaces, as used here, the spurious stresses acting on the dislocation as it moves by one Burgers vector along the glide plane due to image forces can be estimated using isotropic linear elasticity as τ img ∼ µb 2 /π d 2 . For our simulations, d ∼ 100 nm, b = a = 3.2 Å and µ ∼ 19 GPa for shear along the basal plane, so that τ img ∼ 0.6 MPa. Computed Peierls stresses at this level are thus not reliable, but our results are somewhat larger. Specifically, we find both edge and screw dislocations of the Sun potential have low Peierls stresses of 0.3 MPa and 3.6 MPa, respectively, that are comparable to the experimental critical resolved shear stress for flow of ∼0.5 MPa [27] . In contrast, the Peierls stresses with the Liu potential are an order of magnitude larger, 14 MPa and >68 MPa for edge and screw dislocations, in some disagreement with the experiment. Since the Liu screw dislocation is not dissociated, the path to go from one Peierls valley to the other is along the 1 1 −2 0 direction that has a 240 mJ m −2 unstable SFE that induces a high Peierls stress. As the stress increases up to 68 MPa, the dislocation constricts and cross-slips onto the prism plane, where the dislocation energy and Peierls stress are lower, as seen in the next section.
Results for prism plane slip
The prism plane gamma surfaces are shown in figure 4 for all models. The ab initio calculation shows no stable SF. A stable SF is observed for both EAM potentials, but at different slip vectors (1/6 1 1 −2 1 for Sun and 1/6 1 1 −2 0.6 for Liu) as indicated by the X in the figures. Figure 5 shows the values of the gamma surfaces along the [1 1 −2 0] direction and along the minimum energy path for each case. The unstable SFEs along the minimum energy path for the 1 1 −2 0 Burgers vector are given in table 2 and are much larger than in the basal plane. The Sun potential is again in better agreement with the ab initio calculations than is the Liu potential. However, since the unstable and stable SFEs are large, the dislocation cores are compact and so the existence of a stable SF has little effect on the dislocation core structures. The prism plane edge and screw dislocation core structures are shown via DD plots and Nye tensor contours in figures 6 and 7, while the core-splitting distances obtained using the Nye tensor contours are shown in table 3. All the dislocation cores are compact and all edge cores are very similar with a width smaller than a. However, during the relaxation process in the ab initio calculations of the screw dislocation, the core recombines and cross-slips onto the basal plane while the Sun and Liu potentials predict a stable prismatic screw core of width 0.7a. The Nye tensor contours for the Liu potential show slightly more dissociation than those for the Sun potential, in agreement with the lower stable and unstable SFEs for the Liu potential. The absence of a metastable prismatic screw dislocation in ab initio suggests the need for a driving stress on the prismatic plane for stability, and is compatible with the larger observed Peierls stresses for prismatic dislocations in Mg.
The Peierls stresses predicted using the Sun potential for the edge and screw dislocations are 13 and 44 MPa, about 10 times larger than the values obtained for the basal plane and in rough agreement with values of ∼40 MPa observed in experiments [27] . The Peierls stresses for the Liu potential are in the same range, 15 and 44 MPa for edge and screw, respectively, whereas the previously used na56 potential Peierls stresses are much too large, 54 MPa and 895 MPa, respectively. Thus, the anisotropy in Peierls stress (prism versus basal) is much higher for the Sun potential than for the Liu potential, with the Sun potential being more consistent with experiments. The Peierls stresses in the prism plane for both EAM potentials are likely underestimates since the ab initio calculations show a larger unstable SFE. 
Discussion and conclusions
With detailed information on the predicted structures and energetics of the basal plane dislocations in section 3 and the prism plane dislocations in section 4, we now make some comparisons between basal and prism plane a -type dislocations.
Differences in the predicted unstable SFEs for the prism plane are significant and should lead to differences in dislocation stability and Peierls stresses. The ratios between basal and prism unstable SFEs, an indicator of dislocation stability in the basal plane versus the prism plane, are 0.42 (ab initio), 0.62 (Sun) and 0.91 (Liu) . These indicate a higher stability for basal dislocations in all cases, but with far less relative stability for the Liu potential. To further understand the relative stability of prism and basal dislocations as predicted by the two EAM potentials, we have estimated the dislocation core energies. Extracting core energies accurately is again subtle [26] . Here, we are interested in comparing energies between dislocations on different slip systems (basal and prism) but with the same Burger's vector. Because the Burger's vector is the same, the long-range elastic energies and spurious energies from image forces differ only due to elastic anisotropy. Thus, relative core energies can be obtained by examining the variation in the total deformation energy within a cylindrical region of radius r centred on the dislocation line as a function of the radius r. Here, the deformation energy of any region is defined as the total potential energy of the region in the deformed state minus the potential energy of the same number of atoms in the perfect crystal. For all four dislocations (edge and screw using Sun and Liu potentials), we find that beyond a rough 'core radius' of r c = 2.0 times the dissociation distance, the deformation energy per unit line length of dislocation scales as E(r) = E(r c ) + A ln(r/r c ), with A is a potential-dependent constant. This scaling, which holds out to large r where boundary effects enter, is as expected from isotropic elasticity and indicates small elastic anisotropy effects. We can thus compute the difference in core energies E core = E basal (r) − E prism (r) between basal and prism a dislocations at any radius r > r c . The resulting E core values are shown in table 3 for both Sun and Liu potentials. For the Sun potential, the estimated basal core energy is smaller than the prism core energy while for the Liu potential it is greater; the energy differences between the prism and basal planes are −0.2 eV/a and −0.03 eV/a for Sun edge and screw dislocations, +0.13 eV/a and +0.06 eV/a for Liu edge and screw. This correlates with the unusual cross-slip of the screw dislocation from the basal onto the prism plane for the Liu potential.
In summary, we conclude that the Sun potential is in overall better agreement with ab initio calculations than the Liu potential. Its stable and unstable SFEs in the basal and prism planes and ratio of prism/basal unstable SFEs are closer to the ab initio values. The Liu potential also exhibits some unphysical properties: dislocations are more stable in the prism plane, the screw dislocation is not stable in the basal plane, and the Peierls stress for the basal edge dislocation is an order of magnitude too large. In contrast, the Sun potential provides satisfying dislocation properties in all cases: the screw dislocation is stable in both the basal and prism planes, but more stable in the basal plane, the dislocation core structures are very similar to those in the ab initio studies, and the Peierls stresses in the basal plane are low and 10 times smaller than in the prism plane, in qualitative agreement with experiments. However, there are still non-negligible discrepancies between the Sun potential and the ab initio calculations: the differences in unstable and stable SFEs in the basal and prism planes vary between −22% and +29%, and the ratio of prism/basal unstable SFEs is +48% larger. We conclude that the Sun potential is more promising for the investigation of more-complex dislocation cores, and in particular the c + a cores that are crucial in Mg deformation. Figure 8 shows one of the stable core structures predicted by the Sun potential at zero applied load for a c + a edge dislocation in a (1 1 −2 −2) pyramidal II plane. The dislocation dissociates into two partials, one expanding in the basal plane and the other creating a (1 1 −2 1) twin embryo that extends over 40 Å. We will describe more details about the c + a dislocations and their behaviour under various applied loads in a separate publication, but Figure 8 suggests that the true core structure is too large to be studied by ab initio methods within current computational limits. Since the structure and behaviour of these dislocations must also be investigated as a function of applied loading, in particular for both compression and tension along the c axis, such depth of investigation remains beyond the ability of ab initio methods.
